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synopsis 
The brittle fracture properties of polyphenylene oxide, polysulfone, polycarbonate, and 

poly(methy1 methacrylate) thermoplastic polymers were investigated over a wide range 
of temperatures. Fracture energy measurements were made using double edge-notched 
tensile samples. Tensile strength, tensile strain, and initial elastic modulus were mea- 
sured for calculation of the fracture energy and further analysis of the polymer behavior. 
It was found that mechanical transitions in the tensile properties corresponded reason- 
ably well with transitions in the fracture energy in the temperature range investigated. 
Fracture surface photographs permitted visual analysis of the fracture process. It was 
found that the roughest fracture surface corresponded to the maximum in the fracture 
energy for a given polymer. A theory for prediction of polymer tensile yield strain is 
presented, based on the volume dilation concept. The implications of this theory are 
discussed in terms of the crack tip flow process leading to brittle fracture. 

INTRODUCTION 

There is substantial evidence in the literature that viscous flow or plastic 
deformation occurs near the tip of an advancing crack in glassy amorphous 
polymers. The measured fracture energy for glassy polymers is approxi- 
mately lo00 times greater than the theoretical surface energy of the solid. 
This increase has been attributed to the energy requirements for viscous 
flow and polymer crazing at the crack tip. 

It is reasonable to expect that, as plastic deformation becomes more in- 
hibited by successive hindrance of the side group and main chain motions 
of the polymer molecule, the fracture energy should decrease toward the 
theoretical surface energy, which involves only breaking of atomic bonds. 

Unexpectedly, it has been found that for poly(methy1 methacrylate) 
(Plexiglas I1 UVA), the fracture energy continues to increase with decreas- 
ing temperature, at least to - 50°C. A threefold increase in fracture energy 
was found as the test temperature was reduced from the main glass tem- 
perature, T,, at  105°C to -50°C. These data are in agreement with pre- 
vious work's2 on the same grade polymer. This is surprising in that one 
would expect plastic deformation to be already considerably reduced at  this 
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lower temperature, which is about 145°C below the main glass tempera- 
ture. 

Since it was presumed that a maximum in the fracture energy must occur 
somewhere between the main glass temperature and absolute zero tempera- 
ture, three amorphous polymers with high main glass temperatures were 
investigated, allowing a wide temperature range for testing. The four 
polymers investigated were : 

1. Polyphenylene oxide (General Electric Grade 631-111) : 

2. Polysulfone (Union Carbide Grade 1700) : 

0 

3. Polycarbonate (General Electric “Lexan”) 

4. Poly(methy1 methacrylate) (Rohm and Haas Plexiglass I1 UVA) : 

c-c- 
H C-OCH,, 
I I  

II 

Tg = 105‘C 

THEORY 

The fracture mechanics of Irwin3 were used to calculate the plane strain 
fracture energy y required for catastrophic failure of the polymers. The 
sample geometry used is shown in Figure 1. An iterative technique utilia- 
ing a computer was used to solve Irwin’s approximation for the chosen 
geometry : 
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--(W =3.18cm.k 

Fig. 1. Sample geometry for fracture energy test. 

where K,, = critical stress intensity parameter at the crack tip; u, = 
brittle tensile strength of a notched sample, based on the gross cross-sec- 
tional area; W = sample width; a = half-crack length at fracture; and 
uu = tensile yield strength at the notch tip. The plane strain fracture 
energy y was calculated from 

where v = Poisson’s ratio of the polymer (taken as 0.35 for the four poly- 
mers) ; and E = initial elastic modulus of the polymer. 

From the notched sample, the experimental values of W ,  un, and a were 
obtained. The brittle tensile strength, a,, was calculated directly from the 
load-deformation curve for the sample. The value of a, which includes 
the initial machined notch length and the slow crack growth prior to failure, 
was measured from the fractured sample surface to the nearest =t0.003 cm 
under a microscope. 

The values of cv used in the calculation of y were obtained from a stan- 
dard ASTM tensile test, D1708.4 A 3-in. gauge length was used with all 
other dimensions as specified by ASTM. The strain rates used in our test- 
ing program were O.O13/min for the tensile tests and 0.25/min for the 
notched sample tests. The strain rate a t  the crack tip, however, is likely 
to be much higher than that of the applied strain rate.6 Since polymer 
properties are stmin-rate sensitive, the value of a, obtained from the tensile 
test is expected to be lower than the actual yield strength at  the crack tip. 
However, an error analysis based on eq. (1) indicates that this uncertainty 
in cu does not significantly affect the calculated fracture energy within a 
three-decade range of strain rates? 

The values of initial elastic modulus E used in the calculations were 
those obtained from the unnotched tensile tests. 
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The test temperature was varied from -50°C to the main glass transition 
temperature of the polymer. The sample preparation and testing pro- 
cedures have been discussed in more detail el~ewhere.~.' 

EXPERIMENTAL RESULTS 
The effect of temperature on the energy required for polymer brittle 

fracture is shown in Figure 2. A maximum in y was observed for poly- 
phenylene oxide and polysulfone about 85" C below the main glass transition 
temperature. Our testing procedure did not allow for thick enough 
samples of polycarbonate to be tested to keep the fracture in a plane strain 
mode; consequently, some macroscopic yielding was observed around the 
fracture plane above 27°C. This is shown in Figure 3. Gross yielding at 
the notched section resulted in high values of y, which are not reported with 
the plane strain data. The plane strain fracture data obtained for poly- 
carbonate are similar to those of poly(pheny1ene oxide) and polysulfone. 

The degree of roughness of the fracture surface is a qualitative measure 
of the fracture energy. For instance, the maxima in fracture energy for 
poly(pheny1ene oxide) and polysulfone occur at 121 "C and 105"C, respec- 
tively. This is also the temperature region of maximum roughness, as 
seen from Figures 4 and 5. Polymethylmethacrylate exhibits a continuing 
increase in y with decreasing temperature, with a corresponding increase in 
surface roughness, as can be seen in Figure 6. As the test temperature 
approached the main glass temperature (105°C) for this polymer, a near- 
perfect cleavage surface was formed (104°C). A temperature increase of 

T-lg ('C) 

Fig. 2. Polymer fracture energy as a function of temperature. 
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Fig. 3. Polycarbonate fracture surfaces. 
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Fig. 4. Polyphenylene oxide fracture surfaces. 
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Fig. 5. Polysulfone fracture surfaces. 

only a few degrees completely changed the fracture mode. At 106"C, gross 
yielding occurred, resulting in shear failure at  the notched section. This 
same phenomenon was observed with polysulfone and poly(pheny1ene 
oxide) just above T,. 

Over the past few years there have been numerous attempts to relate im- 
pact strength to secondary glass transitions. Perhaps the best survey to 
date is that of Boyer.* A comparison of the observed temperature re- 
sponse of y with known secondary transitions for the four polyrner~g-'~ 
showed no apparent correlation between fracture energy and secondary 
transitions. In  fact, the data did not reflect any change in y at any of the 
secondary glass transitions. 

For this reason, we concluded that the maximum in the plane strain 
fracture energy for polysulfone, poly(pheny1ene oxide), and presumably 
polycarbonate is a mainfestation of the approaching main glass tempera- 
ture. This is -supported by the tensile yield strength, yield strain, and 
initial elastic modulus data for the four polymers, as shown in Figures 7, 8, 
and 9. As-the test temperature is lowered from the main glass transition, 
the fracture- energy increases for all four polymers. The tensile yield 
strength, yield strain, and initial elastic modulus also increase, at the same 
rate for all four polymers. Between T ,  -30°C and T ,  -60°C the rate of 
increase in the tensile properties decreases abruptly for poly(pheny1ene 
oxide), polysulfone, and polycarbonate. Considering the difference in 
strain rates between the tensile and notched tests, this mechanical transi- 
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Fig. 6. Polymethylmethacrylate fracture surfaces. 

tion compares reasonably well with To --85"C, at  which temperature the 
maximum in y is observed for poly(pheny1ene oxide) and polysulfone (and 
presumably polycarbonate in plane strain fracture mode). The tensile 
properties of Plexiglass I1 UVA increase linearly throughout the tempera- 
ture region investigated, with no change in slope with temperature. Simi- 
larly, y for Plexiglas I1 UVA continues to increase as the test temperature is 
reduced. 

According to the above interpretation, the maximum and consequent 
decreases in y as T ,  is approached is the result of increased polymer soften- 
ing, as indicated by the tensile data. 

ANALYSIS OF DATA 
The mechanism causing the onset of polymer flow has been a subject for 

speculation for considerable time. There is reason to believe that tempera- 
bure rise, volume dilation, and a number of molecular factors such as chain 
entanglement, backbone flexibility, side group size, etc., are involved in the 
plastic deformation process. There has been considerable support in the 
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1200 

- n 

literature for the concept of volume dilation as at  least a partial cause of 
yielding in  polymer^.'^-^' Our tensile yield data appear to further sup- 
port this concept. The volume dilation theory suggests that as a uniaxial 
stress is applied to the polymer, the volume increases according to the fol- 
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Fig. 8. Effect of temperature on polymer yield strain. 
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Fig. 9. Effect of temperature on polymer initial modulus. 
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Fig. 10. Schematic diagram of the proposed elastic and viscous strains. 

where Av = increase in polymer volume; v = volume of the polymer in the 
unstressed state; v = Poisson’s ratio; and e = uniaxial tensile strain. 

If part or all of this volume increase corresponds to polymer free volume 
generation, then yielding will occur when the free volume generated at the 
test temperature equals that needed for the polymer molecules to “feel” as 
though they are a t  the main glass temperature. This yield process is then 
dependent on what is referred to as a (‘pseudo” reduction of the main glass 
temperature, i.e., AT, = T, - T,,,,. 

There have been at  least two theories developed which propose that all 
of the volume increase from an applied load becomes free volume.16s1* 
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Fig. 11. Polymer free volume defined to include changes in amorphous and close- 
packed volume. 

Although our yield strain data can be fitted to portions of each of the pro- 
posed theories, neither theory successfully predicts the yield strain over the 
entire temperature range tested. 

We propose that not all of the increase in volume during loading becomes 
free volume, but rather that the dilatation associated with the initial linear 
elastic response of the polymer does not result in free volume. The total 
strain to yield is expressed as the sum of two terms, a linear elastic strain, 
ee, and a nonlinear strain, e,, which for lack of a better name will be called a 
viscous strain. This is shown schematically in Figure 10. 

The elastic component is given by a,/E, where E is the initial elastic 
modulus. This is the strain which would be present in the polymer a t  the 
yield stress level if no nonlinear deformation occurred. One might visual- 
ize this to be the strain in the material if there were no change in the con- 
formation or  orientation of the molecules in the glassy state. Rather, the 
dilation occurs, as it does in simple crystals, with essentially no change in 
molecular conformation other than an increase in the average spacing be- 
tween molecules. It is assumed that this elastic deformation does not 
generate additional free volume. 

All of the free volume needed to cause gross yielding is assumed to come 
from the nonlinear increment e, to the total strain. It is emphasized that 
this viseous flow model represents plastic deformation on a microlevel, 
perhaps the same as in craze formation. It should not be confused with 
the postyield homogeneous plastic flow that occurs during cold drawing of a 
polymer. Thus, the nonlinear incremental strain results in a molecular 
rearrangement that causes an increase in the free volume of the polymer. 
This latter effect may or may not be accompanied by an additional macro- 
scopic volume change. The relationship between e, and the free volume 
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Fig. 12. Variation in the elastic strain with temperature. 

is shown with the aid of Figure 11. Our definition of free volume is 
identical to that used by Litt and TobolskyI6: 

Avf,, = Av, - Av, = LY,,AT,v, - LY,~AT,v, (4) 

where Anree = change in specific free volume (cc/g); Av, = change in 
amorphous specific volume (cc/g) ; Av, = change in close-packed specific 
volume (cc/g); ara = volumetric coefficient of thermal expansion in the 
amorphous glassy state (l/"C); agc = volumetric coefficient of thermal ex- 
pansion in the close-packed glassy state (l/"C); v, = amorphous specific 
volume (cc/g); v, = close-packed specific volume (cc/g); and AT, = 

It should be emphasized that although the polymers investigated are 
highly amorphous, under certain conditions a close-packed or crystalline- 
like structure can be induced. For instance, the close-packed specific 
volume of p~lycarbonate~' was taken as that value of specific volume ob- 
tained from x-ray scattering data on well-annealed polymer samples. 

Incorporation of eq. (4) into eq. (3) results in the following expression: 

Tg - Ttest ("(3- 

c, = v,(l - 21) = (a,, - agC (:)) AT,/(l - 2v). (5) 

Thus, the yield strain for the polymer is given by 

The elastic component of the yield strain appears to be the same for all 
four polymers, as shown in Figure 12. Whether this is true for all amor- 
phous polymers is not known, but it is not too likely. Subtraction of the 
experimental elastic strain in Figure 12 froh the experimental yield strain 
in Figure 8 results in the viscous strain e,, for the four polymers. As shown 
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TABLE I 
Comparison of the Predicted and Measured Values of 

(aoa - 4 V J V a ) )  

("00 - f f ~ C ( V C / U d ) ,  (l/"C) 
Polymer From Figure 13 Measured value 

PPO 3 . 6  X - 
PS 3 . 6  X 10-6 - 
PC 6 . 1  x 10-5 6.5 x 10-516 
PMMA 12.6 x 10-5 

n Figure 13, except for the initial 30°C below To, the data appear to be 
linear with AT,. Since at To no viscous strain is needed to cause yielding, 
the data lines were drawn through zero at  To. I n  accordance with eq. 
(5), the slope of the line is equal to (aoa - au,(v,/va))/(l - 2v). Table I 
shows the values of (a, - a,,(v,/v,)) for the four polymers as determined 
from Figure 13. The range of values between 3.6 to 12.6 X 10-5(l/0C) 

.O ' O ' T  6 

Fig. 13. Variation in the viscous strain with temperature. 

appears to be reasonable. The only data available to check the theoretical 
slope were for poly~arbonate,'~ and, as seen, the agreement is excellent. 
Specific volume measurements on the close-packed state were found at 
room temperature for poly(pheny1ene oxide) and poly(methy1 methacry- 
1ate),16 but a value of a,, could not be found or reasonably calculated to 
check the theory for either polymer. 
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Within 30°C of the main glass transition temperature, there appears to 
be a small deviation in the linearity between E .  and temperature, with the 
experimentally determined values being slightly higher than the linearly 
extrapolated values. If one includes a temperature dependence in v, 
apa, and age, the value of viscous strain would be increased in the region 
near T,, further improving the fit. In particular, aga for poly(methy1 
methacrylate) has been shown to increase rapidly above 95°C.22 Poisson’s 
ratio would also be expected to be increasing toward a value of 0.5 in this 
temperature region. A more correct form for viscous strain is then 

Although the yield strain data a t  these temperatures are not sufficiently 
accurate to merit calculations of this type, eq. (7) will undoubtedly give a 
better fit of the experimental data. 

CONCLUSIONS 

The fracture energy of poly(pheny1ene oxide), polysulfone, and poly- 
carbonate increases with decreasing temperature to a maximum at  roughly 
85°C below the main glass transition temperature of the polymers. The 
maximum appears to be associated with the general changes in viscoelastic 
properties accompanying the main glass transition temperature and can be 
correlated with changes in strength and modulus in this temperature region. 
A similar maximum in y with corresponding changes in strength and modu- 
lus was not observed for poly(methy1 methacrylate) to as low a temperature 
as we could study. Presumably poly(methy1 methacrylate) must also show 
the same type of behavior, but a t  a much lower temperature than the other 
three polymers. Below this maximum, the fracture energy decreases 
almost linearly with decreasing temperature. If one extrapolates the data 
for three of the polymers to the temperature region of absolute zero, the 
fracture energy appears to have decreased to the order of the theoretical 
surface energy. 

In addition, the volume dilation theory has been further supported by 
our polymer yield strain data. Although no definite mathematical analy- 
sis involving strain a t  the crack tip has been developed as yet, in light of 
the correlation of the transitions in the fracture energy with the tensile 
data, the same equations which describe the onset of yielding in a tensile 
sample may also be applicable to the crack tip yielding process. If this is 
true, further work of this nature should provide a method for predicting the 
fracture energy from tensile stress-strain properties. 

This work was sponsored by the Advanced Research Projects Agency, Department 
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